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Abstract

Fe-10 at.% Al-2.5 at.% Zr and Fe-20 at.% Al-2.5 at.% Zr alloys were deformed between room temperature and 700◦C. The materials show
a flow stress plateau at about 300 MPa up to 600◦C for the material with 10 at.% Al and above 600 MPa up to 400◦C for the alloy with 20%
Al. The high flow stresses compared to Fe-Al reference materials are partly due to the addition of Zr. The strain rate sensitivity of the flow
stress was measured by stress relaxation and strain rate cycling tests. It is low up to 400◦C and high between 450 and 600◦C, i.e. in the range
of the flow stress decrease. The microstructures of the undeformed materials are described in Part I of this paper. Micrographs of the deformed
specimens taken in a high-voltage electron microscope reveal that the deformation occurs mainly within the soft Fe-Al grains and in the Fe-Al
component of the grain boundary eutectic. The deformation data are interpreted in terms of solution hardening from the Al solute, dynamic
strain ageing due to the Cottrell effect of the same defects, the athermal stress component of elastic dislocation interactions, the Hall–Petch
contribution from the grain size, and the strengthening effect of the grain boundary layers.
© 2004 Elsevier B.V. All rights reserved.
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1. Introduction

The challenge to develop high-temperature materials
with a good combination of strength and ductility has
lead to a new class of structural materials: the Laves
phase-strengthened intermetallics[1–3]. Within this class,
the Tribaloys which contain large volume fractions of the
Mo(Co, Si)2 Laves phase have excellent wear and corrosion
resistance[1]. In Ti–Nb–Cr alloys, (Ti, Nb)Cr2 particles
precipitate resulting in a high strength together with accept-
able room-temperature toughness. The particles break dur-
ing deformation with crack arrest at the phase boundaries
[2]. For directionally solidified NiAl-Ta alloys, the room
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temperature toughness of two-phase alloys with off-eutectic
composition was similar to that of polycrystalline NiAl
even though the brittle Laves phase NiAlTa was present[3].
Alloying Fe-rich aluminides with up to 25 at.% Zr benefits
from the precipitation of Zr(Fe,Al)2 Laves phases[4,5].
These materials retain a high room-temperature strength up
to around 400◦C [6]. In the present study, the deformation
behaviour of ductile Fe-10Al-2.5Zr and Fe-20Al-2.5Zr al-
loys (numbers indicate at.%) strengthened with Zr(Fe,Al)2
Laves phases has been studied in more detail also with
respect to the strain rate sensitivity of the flow stress and
the relation to changes in the microstructure. Both alloys
contain about 20 vol.% of a eutectic containing the Laves
phase, which is precipitated along the matrix grain bound-
aries. In addition, data for reference alloys Fe-10Al and
Fe-20Al without Laves phase precipitates as well as for
Fe-30Zr consisting mainly of the Laves phase are presented.
Details of the starting structure of several Fe-Al-Zr alloys
are described in Part I of this paper[7] and first results on
plastic deformation in[8].
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2. Experimental

In the following, the two Laves phase-strengthened alloys
are called F10AZ and F20AZ and the reference alloys with-
out Zr F10A and F20A. The composition and some struc-
tural data are listed inTable 1. The reference alloys have
mainly columnar grains with a diameter of about 150 and
300�m and up to several millimeters length. For the me-
chanical tests, samples of about 2 mm× 2 mm× 4 mm were
cut from the ingots by electrical discharge machining and
their faces were subsequently carefully polished. Compres-
sion experiments were carried out in a digitally controlled
testing machine at temperatures between 23 and 700◦C in
flowing argon at a basic strain rate of 10−4 s−1. The en-
gineering stressσ was measured versus the total engineer-
ing strainεt. The yield stressσy was determined by linear
back extrapolation of the initial work-hardening range onto
the elastic line. In order to study the strain rate sensitivityr
= �σ/� lnε̇, whereε̇ is the plastic strain rate, usually a se-
quence of stress relaxation (Rn) and strain rate change (SRC)
tests were performed during the deformation as shown in
Fig. 1. Stress relaxation curves were plotted as ln(−σ̇) ver-
susσ. The strain rate sensitivity is then given by the inverse
slope of these curves asrrel = �σ/� ln(−σ̇). In order to ob-
tain information about changes of the microstructure during
the relaxation tests, some “repeated” relaxation tests (Rnr)
were performed, i.e. relaxation tests following an original
relaxation and starting at a stress not exceeding that of the
original relaxation. Thus, repeated relaxation tests are car-
ried out before quasi-steady state deformation conditions are
reached again. For SRC tests, two quantities of the strain
rate sensitivity are determined as demonstrated inFig. 1.
The instantaneous strain rate sensitivityr i is calculated from
the maximum (instantaneous) stress increment�σ i immedi-
ately after the strain rate change. Since the strain necessary to
measure this quantity is small, structural changes during the
change of the deformation conditions should also be small.
Thus, this quantity may correspond to the strain rate sensi-
tivity rrel measured from stress relaxation tests, where little
strain is consumed, too. In addition, the steady state strain
rate sensitivityrss is obtained from the back-extrapolated
stress increment�σss of the quasi-steady state deformation
after the strain rate change. The difference betweenr i and
rss characterizes structural changes caused by a change in
the deformation conditions. Another measure of the strain
rate sensitivity is the stress exponentm′ of the strain rate,
with m′ = d ln ε̇/d lnσ. It is related tor by m′ = σ/r.

Table 1
Characteristics of the two-phase materials (from[7])

Alloy Composition (at%) Phase structure Structure parameters

Fe Al Zr D̄ [�m] fGB [%] S [mm−1] d [�m]

F10AZ 87.5 10 2.5 �-Fe(Al) + Zr(Fe,Al)2 28 ± 14 22 144 0.22
F20AZ 77.5 20 2.5 Fe-Al+ Zr(Fe,Al)2 20 ± 8 25 193 0.16

D̄: grain size;fGB: volume fraction and;S: mean surface area per volume (of grain boundary phase relates to bothfGB and S).

Fig. 1. Section of a stress–strain curve (flow stressσ vs. total strainεt)
with stress relaxation tests (Rn), repeated relaxation test (Rnr) and strain
rate cycling test (SRC). The stress increments�σ i and�σss are used to
calculate the instantaneous and steady state strain rate sensitivitiesr i and
rss.

To study the deformation microstructures, specimens were
deformed up to plastic strains of about 2.5–3% and then
cooled under load. The surface of the deformed specimens
was studied by scanning electron microscopy (SEM). Thin
foils for transmission electron microscopy (TEM) were pre-
pared normal to the compression axis by electrolytic jet pol-
ishing in 10% perchloric acid in ethanol and 7 g thiourea per
1000 cm3 [9]. These samples were investigated in diffraction
contrast in a high-voltage transmission electron microscope
(HVTEM) operated at an acceleration voltage of 1 MV. Dis-
location densities within the Fe-Al grains were measured
from the number of intersections with a square grid. The
foil thickness was estimated from extinction fringes on dis-
locations to be about 500 nm.

A few in situ heating experiments on deformed specimens
have been performed in a heating stage inside the HVTEM to
study the influence of heating cycles on the microstructure.
The heating cycles were: 23→ 370→ 600◦C, 23→ 370
→ 490→ 650◦C, and 400→ 23◦C over a total time of 5 h.
Changes in the microstructure were recorded on video tape.

3. Results

3.1. Macroscopic deformation parameters

Fig. 2 presents a stress–strain curve of F10AZ at 340◦C
with stress relaxation and strain rate change tests. It is typ-
ical also of other deformation conditions. The curve shows
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Fig. 2. Section of a stress–strain curve of F10AZ at 340◦C including stress
relaxation (Rn), repeated stress relaxation (Rnr) and strain rate cycling
(SRC) tests between the strain rates ofε̇t = 10−5 s−1 (a) and 10−4 s−1 (b).

Fig. 3. Stress–strain curve of F20AZ at different temperatures and strain
rates ofε̇t = 10−5 s−1 (a) and 10−4 s−1 (b).

the transition between elastic and plastic deformation and
a work-hardening stage with a decreasing work-hardening
rate (parabolic hardening). In order to obtain strain rate sen-
sitivity data from a limited number of experiments, some
specimens were deformed successively at different tempera-
tures, as shown inFig. 3 for an F20AZ sample. The temper-
ature dependence of the yield stressσy is plotted inFig. 4.

Fig. 4. Temperature dependence of the yield stressσy of F10A (open
triangles), F10AZ (solid triangles), F20A (open squares), and F20AZ
(solid squares). Small symbols: data from[6].

Fig. 5. Stress relaxation curves and repeated relaxation curves of the
F20AZ specimen ofFig. 3 at 501◦C (R6, R6r) and at 603◦C (R8, R8r).

Only stress values of the initial loading are used. In addition
to the present data (large symbols), 0.2% proof stresses are
shown which have been determined previously[6] (small
symbols). The data of the Laves phase-strengthened mate-
rials are compared with the reference materials without Zr,
F10A and F20A. The reference material F10A exhibits an
almost constant yield stress up to 600◦C. The correspond-
ing material containing Zr has a yield stress which is higher
by a constant amount. Above 600◦C, the yield stress shows
a strong high-temperature decrease. The materials with the
higher Al content show higher yield stresses but an earlier
start of the high-temperature decrease.

Fig. 5exhibits stress relaxation curves of F20AZ taken at
about 500◦C (R6) and 600◦C (R8). The strain rate sensitiv-
ity r equals the inverse slope of these curves. Usually,r is
measured at the beginning of the relaxation curves. Then,
the values correspond to the state of the specimen just at the
start of the relaxation test. The relaxation curves inFig. 5
are bowed towards the stress axis. This is the usual curva-
ture corresponding, e.g., to dislocations overcoming obsta-
cles. At 600◦C, the repeated relaxation curve (R8r) is very
close to the original one (R8), indicating that either structural
changes did not occur during the relaxation, or that they oc-
curred fast so that the deformation always took place close
to steady state. However, at 500◦C, the relaxation rates,
which are proportional to the current strain rates, are dras-
tically lower in case of the repeated relaxation curve (R6r)
than those of the original relaxation curve. This suggests
structural changes during the relaxation and is mostly con-
nected with a yield point effect during further deformation
with a transition into steady state conditions. The difference
in the relaxation rates between original and repeated relax-
ation curves is generally low for F10AZ and for F20AZ at
room temperature and above 600◦C but increases up to a
factor of 20 for F20AZ and F20A in the temperature inter-
val between 350 and 500◦C. Fig. 6 presents a relaxation
curve of F10AZ taken at 500◦C. In this case, the curve is
bent away from the stress axis, which may be denoted by a
relaxation curve with an inverse curvature or a curve with
two stages, a steep initial stage with a lowr value at high
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Fig. 6. Stress relaxation curve of F10AZ with inverse curvature taken at
500◦C.

relaxation (strain) rates (stage 1) and a flat one with a higher
r at low relaxation rates (stage 2). Ther values in the two
stages are denoted byrrel andrrel2.

Average values of the strain rate sensitivity from relax-
ation tests are collected inFig. 7 as a function of tempera-
ture. The initial valuesrrel (large symbols) are small at room
temperature and even smaller at 350◦C. At higher tempera-
tures, they show a maximum between about 400 and 700◦C.
The values at the maximum are higher for F20A and F20AZ
containing 20 at.% Al than those for F10A and F10AZ with
10 at.% Al. Inversely curved relaxation curves do not occur
for F10A, but do occur for all other materials in the range
of the maximum ofrrel, indicated by the high values of the
strain rate sensitivityrrel2 in stage 2 (small symbols). The
stress exponentsm′, calculated fromrrel andσ of individual
relaxation tests, are plotted inFig. 8. These values always
coincide for the materials with equal Al content indepen-
dent of the Zr concentration. They are very high at 350◦C
and decrease gradually with increasing temperature down to

Fig. 7. Average values of the strain rate sensitivity measured by stress
relaxation tests as a function of temperature for F10A (open triangles),
F10AZ (solid triangles), F20A (open squares), and F20AZ (solid squares).
Strain rate sensitivityrrel in stage 1 of the relaxation curves corresponding
to the strain rate prior to the relaxation test (large symbols), strain rate
sensitivity in stage 2rrel2 corresponding to lower strain rates (small
symbols).

Fig. 8. Stress exponentm′ calculated fromrrel1 andσ of individual stress
relaxation curves. Symbols as inFig. 4.

values between 10 and 20 for the materials with 10 at.% Al
and rapidly for those with 20 at.% Al.

Data from the strain rate cycling tests are collected in
Fig. 9. As anticipated, the instantaneous strain rate sensitivity
r i of Fig. 9(a)does not differ much from the relaxation data
rrel in Fig. 7. The steady state values inFig. 9(b)are lower
and even become negative for the materials without Zr at
350 and 400◦C.

Fig. 9. Average values of the strain rate sensitivity from strain rate
cycling tests. (a) Initial strain rate sensitivityr i . (b) Steady state strain
rate sensitivityrss.
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The reference alloy Fe-30Zr, consisting mostly of the
Fe2Zr Laves phase, is brittle up to 600◦C with a fracture
stress around 900 MPa. At about 800◦C, the flow stress
is around 800 MPa with a strain rate sensitivityrrel ∼=
30 MPa.

Fig. 10. TEM images of the microstructure of the alloy F10AZ deformed
at room temperature to a plastic strain ofε = 2%. (a) Dislocation structure
inside a matrix grain. (b) Boundary structure created between two FeAl
grains in a gap of the Laves phase precipitate layer.

3.2. Microstructure after deformation at room temperature

Fig. 10(a) shows the dislocation structure inside the
grains of the alloy F10AZ after compression at room tem-
perature up to a plastic strain ofε = 2%. The deformation
takes place by slip of ordinary dislocations witha/2〈1 1 1〉
Burgers vectors, which are typical for the disordered b.c.c
structure of the Fe-Al matrix. The dislocations are quite ho-
mogeneously distributed with an average density ofρ = 2.7
× 1013 m−2. All dislocation density data are collected in
Fig. 11. The dislocation densities are always determined in-
side the grains and, if slip is localized, inside the slip bands.
Comparison of the dislocation structures with projections of
the slip planes onto the image plane under different orien-
tations showed that slip takes place on{1 1 0} and{1 1 2}
planes. The dislocation lines are either crystallographically
oriented or smoothly bent. The grain boundaries are usually
covered by precipitated Laves phase with relatively fre-
quent interruptions, i.e. gaps where the Fe-Al grains meet
each other[7]. In such gaps deformation-induced boundary
structures form, as presented inFig. 10(b).

Fig. 12presents the microstructure of a F20AZ specimen
after a deformation of 2% at room temperature. Inside the
grains, the dislocations are inhomogeneously distributed and
concentrated in slip bands, as demonstrated inFig. 12(a).
Some dislocations pile up at the grain boundary in the gaps
of the grain boundary layers. The dislocation density in-
side the bands is about 2× 1013 m−2, in some grains above
1014 m−2, in others very low. There occurs a number of dis-
location segments which are bent to small radii of curvature.
The SEM image inFig. 12(b) of the surface shows a re-
lief indicating a concentration of deformation inside the soft
grains. Microcracks are occasionally formed along the phase
boundary and within the grain boundary eutectic (arrows).
In the section of the grain boundary layer ofFig. 12(c), some
contrasts of dislocations are visible in the Fe-Al lamellae in-
dicating their plastic deformation. This may cause the cracks
in the Laves phase. However, these cracks are not very fre-
quent so that the grain boundary layers remain mostly intact.

Fig. 11. Dependence of the dislocation density after plastic deformation
to aboutε = 2% on the temperature. Symbols as inFig. 4.
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Fig. 12. Microstructure of the alloy F20AZ deformed at room temperature. (a) TEM image showing an inhomogeneous distribution of dislocations in
slip bands. (b) SEM image of the surface relief (secondary electron contrast at 5 kV). Arrows indicate cracks. (c) TEM image of a section of the grain
boundary phase with dislocations in the Fe-Al channels and cracks of the Laves phase lamellae.

3.3. Microstructure after deformation at intermediate
temperatures

Fig. 13(a)presents an overview of the microstructure of
the alloy F10AZ after compression at intermediate temper-
atures. Inside the matrix grains, the dislocations are quite
uniformly distributed with a density in the order of 1014 m−2

(Fig. 13(b)). As in the case of room temperature testing, the
dislocations are partly straight and crystallographically ori-
ented. The eutectic is shown inFig. 13(c)at a higher mag-
nification. Strong contrasts in the Fe-Al channels indicate
that there is a high dislocation density in these regions orig-
inating from plastic deformation. As shown inFig. 14(a)
for F20AZ, homogeneously distributed dislocations are all
curved. Otherwise, the situation is similar to F10AZ. The

grain boundary eutectic again contains Fe-Al regions with
many dislocations. In both alloys, the grain boundary eu-
tectic sometimes broke into small blocks, as illustrated in
Fig. 14(b). At the grain boundaries, in the gaps of the grain
boundary layers, the strains are accommodated by disloca-
tion networks with well developed ledges (Fig. 14(c)). At
about 500◦C, the wavy shape of the edges of the grain
boundary layers indicates heavy deformation in these regions
in connection with strain contrasts in the Fe-Al matrix phase
(Fig. 14(d)).

3.4. Microstructure at and above 600◦C

After deformation at 600◦C, the deformation microstruc-
tures of the alloys F10AZ and F20AZ reveal similar
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dislocation structures shown inFig. 15 for F10AZ. In
Fig. 15(a), bending contours in the matrix indicate inho-
mogeneous deformation with residual elastic strains. The
inset in Fig. 15(a)shows a diffraction pattern of the eu-
tectic grain boundary phase. Diffraction spots of the Laves
phase are arranged in rows approximately perpendicular
to the boundaries of the lamellae. The individual spots
originate from mutually rotated lamellae. The long axes of
the spikes of the lamellae, which are approximately per-
pendicular to the lamellae boundaries, are slightly inclined
with respect to the image plane. Thus, the Ewald sphere
intersects the spikes of lamellae of different orientations
at different places. These misoriented lamellae were not
observed in the undeformed material and indicate the de-
formation of the grain boundary phase. In the gaps of the
latter, boundary structures as shown inFig. 15(b) form,
which are similar to those formed at room temperature
(Fig. 10(b)). The dislocation density amounts to 7.4×
1013 m−2.

The tendency to form subgrains within the Fe-Al matrix
grains was first observed after deformation at 700◦C. In the
alloy F10AZ presented inFig. 16(a), many cracks separate

Fig. 13. TEM images of F10AZ after deformation. (a) and (b) 5.7% at different temperatures between 347 and 552◦C and (c) 2% at 340◦C.

grain boundary phase sections about 2�m in size, leading to
strains in the neighbouring matrix regions. The dislocations
are distributed very inhomogeneously. The average density
is quite low but in some regions the mean density is above
1015 m−2. The grain boundary phase is heavily deformed
(Fig. 16(b)) as well. In the alloy F20AZ, cracks of the grain
boundary phase were not observed but a well developed
subgrain structure in the matrix, as demonstrated inFig. 17.
The dislocation density within subgrains is generally low
under these conditions.

The dislocation density data inFig. 11collected from all
specimens show that the density inside the grains increases
up to 600◦C and then decreases drastically.

3.5. Dislocation motion during in situ heating in the
HVTEM

One specimen was deformed inside the HVTEM. There
was intensive dislocation motion at 600–800◦C. Similar ob-
servations were made during in situ heating experiments
with the alloy F20AZ. At 650◦C, the creation of disloca-
tions and their intensive motion was recorded on video tape
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Fig. 13. (Continued).

during a total time of 3 h.Fig. 18(a)shows slip traces left
behind by the moving dislocations on the foil surfaces. This
image was taken after cooling down to 400◦C where the
dislocations seized to move. Slip traces are curved and ar-
ranged in very different directions across the Fe-Al grain.
The dislocations change their slip plane many times, indicat-
ing cross slip and climb. Besides, the video recordings show
slip occurring along the boundary of the eutectic phase. In
Fig. 18(b), dislocations pile up against the boundary phase
after leaving their slip planes.

4. Discussion

Below, the different contributions to the flow stress of
the materials are estimated, first those of the matrix grains
followed by the strengthening effect of the grain boundary
phase. Finally, the high-temperature decrease of the flow
stress is discussed.

4.1. Solution hardening

As studied by several authors (for reviews see[10,11]),
the addition of aluminium to iron causes a remarkable in-

crease of the flow stress via solution hardening. In pure b.c.c.
materials, the dislocation mobility is usually controlled by
the Peierls mechanism operating particularly on screw dis-
locations. As a consequence, the dislocations are arranged
mainly along the screw orientation. Some crystallographic
orientation of the dislocations was also observed in the
present study in F10AZ (Figs. 10 and 13(b)) while the dislo-
cations are curved in F20AZ (Fig. 12(a) and 14(a)), in agree-
ment with the general observation that alloying suppresses
the characteristic features of pure b.c.c. materials[11]. The
solution hardening in these materials is usually interpreted
by the Suzuki effect[12]. The original system of non-linear
equations has been approximated in[13]. The theory con-
siders the influence of foreign atoms on the dislocation core
energy and thus on the formation of kink pairs. The interac-
tion is described by an interaction energy

Ew = 0.122 eV(1.52δ + η′)µ
µ0

. (1)

δ is a size misfit parameter withδ = (1/a) (da/dc), wherea
is the lattice constant andc the atomic fraction of the solute.
η′ is given by

η′ = η + 4.3δ

1 − 1/2(η + 4.3δ)
. (2)

η is a modulus misfit parameter defined byη = (1/µ)(dµ/dc).
µ is the shear modulus andµ0 the value at room temper-
ature. Withδ = 0.063 andη = −1.39 from[12] for Al in
Fe, the interaction energy becomes |Ew| = 0.072 eV. The
most prominent feature of the Suzuki theory is the propor-
tionality between the increase in the (shear) flow stressτs
and the concentrationc. A specific calculation for Al in Fe
does not exist. From data for Mo and Si in Fe, taken from
[13] and listed inTable 2, it can be extrapolated that dτs/dc
= 1.37 GPa for Al. Since the flow stress contributionτs is
a shear stress, it has to be multiplied by the Taylor factor
M to obtain the contributionσs of solution hardening to the
macroscopic flow stress. For b.c.c. metals, Taylor factors as
low as 1.67 are quotet in the literature. However,M = 3.06

Table 2
Theoretical values of the flow stress contributions of the matrix at room
temperature.

A

Material Ew [eV] dτ/dc [GPa] (dτ/dc)/Ew [GPa eV−1]

Mo 0.083 1.57 18.92
Si 0.108 2.01 18.61
Al 0.072 1.37a 19.06a

σs [MPa] σ i [MPa] σHP [MPa]
B

F10AZ 420 80 90
F20AZ 840 58 87

(A) Parameters of solution hardening in different Fe alloys. (B) Flow
stress contributions from solution hardening, long-range internal stresses
and grain structure.

a Extrapolated.



A. Wasilkowska et al. / Materials Science and Engineering A 381 (2004) 1–15 9

Fig. 14. TEM images of the alloy F20AZ after 2% deformation. (a) Dislocation structure inside grain and in Fe-Al lamella in the grain boundary phase,
349 ◦C. (b) Cracks in the grain boundary phase, 349◦C. (c) Dislocation networks in the gaps of the grain boundary phase, 349◦C. (d) Wavy interface
between grain boundary phase and matrix, 493◦C.

(e.g.[14]) should be a suitable Taylor factor, from which the
theoretical values ofσs at room temperature follow (µ =µ0
in Eq. (1)), as listed inTable 2B for the materials F10AZ
and F20AZ. These values are about 70% higher than the to-
tal flow stresses of the reference materials F10A and F20A
without Zr ofFig. 4. Thus, the theory considerably overesti-
mates the solution hardening of Al in Fe. This may, at least
partly, result from the large Taylor factor. In the concentra-
tion range of the present materials, Fe-Al alloys may show
both short and long range ordering[15–18]. Although the
state of order in the matrix phase is not clear[7], ordering
should not yield a remarkable flow stress contribution.

Calculations of the temperature and strain rate depen-
dence of the flow stress of Fe-Al alloys do not exist, only
for Fe-P[19]. This theory predicts a strong temperature de-
pendence in the range from−100 to 100◦C in agreement
with experiments. A similar temperature dependence may
also be expected for Fe-Al, so that solution hardening can-
not explain the almost constant flow stress of most present
materials up to 400◦C (Fig. 4). For the activation volume
V, which represents the strain rate sensitivityr via

Vex = MkT

r
(3)

again only calculations for Fe-P are available[19]. They are
in the range of 25–200b3, whereb is the absolute value of
the Burgers vector, and decrease with increasing content of
the alloying element and decreasing temperature. The ex-
perimental values forV/b3 from Fig. 7 for room tempera-
ture are 210 for F10A, 147 for F20A, 240 for F10AZ and
145 for F20AZ. Thus, the present values are roughly in this
order of magnitude, they follow the theoretical trends (see
also Fig. 7 for the temperature dependence ofr) and they
are almost equal for the same Al concentrations indepen-
dent of the addition of Zr. This indicates that the thermally
activated deformation occurs predominantly in the matrix
grains.

4.2. Diffusion processes in the dislocation cores

In the process of solution hardening, the obstacles are
supposed to be locally fixed in the time scale of the dislo-
cation motion. At higher temperatures, the solutes may dif-
fuse in the stress field of the dislocations, giving rise to a
Cottrell effect type interaction[20] which is also called dy-
namic strain ageing. This interaction causes a temperature
and strain rate dependent contribution to the flow stressτC
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Fig. 14. (Continued).

with a maximum[21]

τCm ∼= 17cβ

b4
, (4)

whereβ = (µb/3π) {(1 + ν)/(1 − ν)} (νs − νm). Here,c
is the atomic fraction of the solute andµ is again the shear
modulus, which in this paper is always set equal to the en-
ergy factorKs of screw dislocations.Ks was calculated with
a computer program[22] based on anisotropic elasticity the-
ory using elastic constants from[23] for Al concentrations
of 9.65 and 19.83 at.%. The concentration of Al in the grains
is approximately equal to the total concentration in the ma-
terials. The resulting values ofKs are 40.64 and 33.44 GPa
for the materials with 10 and 20% Al.� is the Poisson ra-
tio which is set to 0.291, i.e. the Voigt average for Fe[21].
νs is the atomic volume of the solute atoms andνm that of
the matrix atoms. These volumes are calculated assuming
spheres with the atomic radii of 0.143 nm for Al and 0.126
nm for Fe[24]. It is supposed that the Cottrell type interac-
tion compensates for the decrease of the solution hardening
with increasing temperature. With the data discussed above,
τCm amounts to about 1.1 GPa for the materials with 10 at.%
Al. Thus, much smaller solute concentrations are sufficient

to compensate for the flow stress decrease of solution hard-
ening. At a certain temperatureT, the maximum valueτCm
is found at a dislocation velocity

vdm = 4DkT

β
. (5)

D is the diffusion coefficient of the diffusing species. Using
the Orowan relation between the plastic strain rateε̇ and the
dislocation velocity

ε̇ = ρbvd, (6)

the diffusion coefficient necessary to obtain the maximum
at a certain temperature can be calculated. In order to keep
the flow stress of the materials with 10 at.% Al on a high
level up to 600◦C, the maximum should be at about 450◦C.
With ε̇ = 10−4 s−1 and ρ = 8 × 1013 m−2 from Fig. 11,
it follows that D ∼= 3 × 10−19 m2 s−1. Diffusion data for
Al in Fe-Al alloys with the present Al concentrations are
not available. In Fe-18 at.% Al, diffusion of Fe reaches this
value at about 540◦C [25]. Diffusion of Al in the intermetal-
lic compounds in the Fe-Al system was simulated by the
diffusion of In and Zn[26] because an appropriate and in-
expensive radio-tracer for Al is not available. The diffusion
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Fig. 15. Microstructure of the alloy F10AZ after deformation at 600◦C.
(a) Overview. Inset: diffraction pattern of the grain boundary phase in the
centre of the figure. (b) Structure within the gaps of the grain boundary
phase.

coefficients in Fe-25.5 at.% Al at the lowest temperature of
450◦C correspond well with the value estimated above.

The contribution of Cottrell effect type interactions to the
flow stress has implications on the strain rate sensitivity, as
described for intermetallic alloys in[27]. If τC is plotted
versus the logarithm of the strain rateε̇, the slope of this
plot represents the strain rate sensitivityr. At strain rates
lower than that for the maximum stressτCm, the strain rate
sensitivity is positive, but decreases with increasingε̇ down
to zero at the maximum. This behaviour is inverse to that
of dislocation-obstacle mechanisms. Above the maximum,r
even becomes negative. The inverse behaviour is observed in
the curvature of stress relaxation curves, e.g.Fig. 6 taken at
500◦C, where the strain rate sensitivity equals the reciprocal
slope of the relaxation curve. It increases with decreasing
stress in an unusual manner. The occurrence of such higher
values ofr at the end of the relaxation curves is indicated
in Fig. 7 by small symbols. This effect is clearly observed
between 350 and 500◦C for F20A, between 400 and 550◦C
for F10AZ, and only at 350◦C for F20AZ. Thus, diffusion
is apparently more rapid in F20AZ than in F10AZ, which
shifts the maximum to lower temperatures resulting in an
earlier flow stress decrease of F20AZ at high temperatures,
as demonstrated inFigs. 4 and 7. Negative values of the
strain rate sensitivity cannot be observed in stress relaxation
tests. However, they occur in some cases at 350 and 400◦C
in the steady state valuesrss measured in strain rate cycling
tests, as plotted inFig. 9(b). This supports the conclusions
drawn from the stress relaxation tests.

In conclusion, the Cottrell effect may give rise to a flow
stress contribution with a maximum at about 450◦C in
F10AZ and at about 350◦C in F20AZ. This contribution
compensates for the normal flow stress decrease of solution
hardening, especially in the materials with 10 at.% Al, but
it is not strong enough to cause a flow stress anomaly.

4.3. Long-range interactions between dislocations

Long-range elastic interactions between dislocations re-
sult in an athermal contribution to the flow stress. For a rel-
atively homogeneous arrangement of dislocations, as it was
mostly observed in the present study, this contribution can
be described by Taylor hardening[28]

σi = αMµbρ1/2, (7)

whereα is a factor between 0.2 and 1. Taking a typical value
of α = 0.5 and, as above,Ks instead of the shear modulusµ,
the dislocation densitiesρ of Fig. 11lead to athermal stress
components in the order of about 100 MPa for temperatures
up to 600◦C. The room temperature values are also included
in Table 2. No dislocation density data are available for the
reference materials F10A and F20A, but it may be assumed
that they are similar to those of the materials containing Zr.
The increased dislocation densities at intermediate temper-
atures result from work-hardening in this temperature range
so that these values are not characteristic of the yield stress.



12 A. Wasilkowska et al. / Materials Science and Engineering A 381 (2004) 1–15

Fig. 16. Microstructure in F10AZ deformed at 698◦C to a plastic strain ofε = 2.2%. (a) Overview. (b) Structure of deformed grain boundary phase
and neighbouring matrix.
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Fig. 17. Subgrain structure in the alloy F20AZ deformed at 704◦C to a
plastic strain ofε = 3%.

The estimation shows thatσ i of the matrix grains is not an
essential contribution to the flow stress.

4.4. Influence of the grain structure

The polycrystalline structure of the materials causes an
additional component of the flow stress which can be esti-
mated by the Hall–Petch relation (e.g.[31])

σHP = γHPMµ

(
b

D̄

)1/2

, (8)

with D̄ denoting the grain size andγHP a factor between
0.06 and 0.18, depending on the details of the mechanism.
For the present case where the grain boundaries are rein-
forced by a hard grain boundary eutectic,γHP = 0.18 should
be appropriate. The values forσHP resulting from the grain
sizes of 28 and 20�m for F10AZ and F20AZ fromTable 1
are listed inTable 2B. For the reference materials without
Zr, σHP is negligible since the grain sizes are almost in the
millimeter range. Thus, the Hall–Petch component explains
the flow stress difference between the materials without and
with Zr at least partly. It depends only weakly on the tem-
perature owing to the temperature dependence of the elastic
constants.

Fig. 18. The microstructure of alloy F20AZ recorded by in situ cooling
to 400◦C.

4.5. Contribution of the grain boundary phase

The grain boundary phase consists of a eutectic between
the Laves phase and an Fe-Al phase with a lamellar struc-
ture. As described at the end ofSection 3.1, the Laves phase
itself is brittle almost in the whole temperature range of the
present study with a fracture stress of about 900 MPa. How-
ever, it is embedded in the softer Fe-Al phase. The forma-
tion of cracks in connection with the grain boundary eutectic
was only occasionally observed at room temperature (e.g.
in F20AZ in the SEM image ofFig. 12(b)and within the
Laves phase inFig. 12(c)) and as a decomposition of the
grain boundary layers into blocks about 2�m in size at 350
and 700◦C (Figs. 14(b) and 16(a)). Thus, the grain boundary
eutectic remains mostly intact up to 600◦C. However, the
occurrence of dislocation structures within the Fe-Al phase
(Fig. 10(c), 13(c) and 14(a)), the serrated shape of the inter-
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face of the grain boundary layers and the matrix (Fig. 14(c))
and the mutual tilting of Laves phase lamellae (Fig. 15(a))
demonstrate that the Fe-Al phase deforms heavily. The flow
stressσGB of the Fe-Al component of the grain boundary
phase may be dominated by a Hall–Petch contribution of
the Fe-Al lamellae if the widthd of the lamellae is used
in Eq. (8) instead of the grain sizēD. With the values for
d from Table 1, σGB is about 1000 MPa for both F10AZ
and F20AZ. Accordingly, the stress which builds up in the
Fe-Al lamellae is roughly equal to the fracture stress of the
Laves phase lamellae so that the latter sometimes break, but
not very frequently. If it is taken into account that the Laves
phase mostly does not break,σGB ∼= 800 MPa is a reason-
able estimate.

The materials F10AZ and F20AZ represent composites
consisting of a soft matrix embedded in a grain boundary
skeleton with a much higher flow stress. A theory which
considers this morphology is not available. In a very simpli-
fied approach, it may be assumed that the matrix and grain
boundary phases are deformed up to equal strains so that the
flow stressσC of the composite is given by a rule of mixture
(e.g.[29,30])

σC = (1 − fGB)σM + fGBσGB, (9)

wherefGB is the volume fraction of the grain boundary phase
andσM andσGB are the individual flow stresses of the matrix
grains and the grain boundary phase. It may be assumed that

σM = σs + σi + σHP (10)

from Table 2, whereσs + σ i should be equal to the flow
stressσR of the reference materials F10A and F20A without
Zr from Fig. 4, since the theoretical value ofσs in Table 2
is too high, therefore

σM = σR + σHP (11)

UsingσR for about 100◦C fromFig. 4, the volume fractions
fGB from Table 1and a flow stress of the grain boundary
phaseσGB estimated above yields the flow stresses of the
compositesσC of about 440 and 645 MPa for F10AZ and
F20AZ, respectively. While the latter value of F20AZ fits the
experimental value ofFig. 4very well, the theoretical value
is too high for F10AZ. The data estimated in this section
refer to temperatures near room temperature. However, all
stress contributions except that from solution hardening,σs,
depend only weakly on temperature. The decrease ofσs with
increasing temperature is compensated by a positive temper-
ature dependence of the contribution of the Cottrell effect,
resulting in a stress plateau up to intermediate temperatures.

4.6. Recovery at high temperatures

Above a certain temperature which is about 600◦C for
F10AZ and 400◦C for F20AZ, the flow stress decreases
strongly. On the one hand, this is due to the fact that both
mechanisms involving the solutes, i.e. the solution harden-
ing and the Cottrell effect, cease to operate at these high

temperatures. On the other hand, recovery processes become
active at high temperatures. Climb is involved in the recov-
ery processes. The occurrence of climb at high temperatures
is apparent from the curved shape of slip traces during the in
situ straining and heating experiments (Fig. 18). Climb pro-
cesses are controlled by self diffusion, which is essentially
the diffusion of Fe. In the Fe-Al alloys, Al diffuses more
rapidly than Fe, as shown by interdiffusion experiments on
Fe-18 at.%Al at 980◦C yielding a factor of 1.8[31] and by
the experiments with the simulation of the Al diffusion by
diffusion of In and Zn in Fe3Al yielding a factor of up to 14
at a lower temperature (450◦C) [26]. This shows that recov-
ery starts at a higher temperature than that of the maximum
of dynamic strain ageing. Again, the temperatures are higher
for F10AZ than for F20AZ which implies that the diffusion
is more rapid in the latter material. Such a behaviour was
observed above the Curie temperature (around 700◦C) but
the situation is unclear at lower temperatures[25].

The recovery processes are obvious from the formation
of a subgrain structure at 700◦C as demonstrated inFig. 17.
Accordingly, the dislocation densities inside the grains, plot-
ted inFig. 11, have similar values as those at room temper-
ature. The corresponding athermal contributionsσ i to the
flow stress are about half of the yield stresses inFig. 4,
i.e. the long-range interaction between the dislocations is
an essential contribution to the flow stress. In addition, the
strengthening effect of the grain boundary skeleton has dis-
appeared, partly because its Fe-Al component is too soft and
partly because the grain boundary eutectic breaks into small
blocks by plastic deformation.

Recovery processes also influence the strain rate sensitiv-
ity. This can be observed from the temperature dependence
of the stress exponent m′ in Fig. 8. At 350◦C, it assumes
values of several hundred in accordance with the low strain
rate sensitivity in the range of dynamic strain ageing. With
increasing temperature, m’ decreases down to values around
10. According to standard models of recovery-controlled
creep, the stress exponent should be between about 3 and
6. The difference between the experimental and theoretical
values may be due to some other residual component of the
flow stress. In the logarithmic scale ofFig. 8, the decrease
is smooth for F10A and F10AZ but rapid above 400◦C for
F20A and F20AZ. This is in agreement with the observation
that the yield stress also decreases at lower temperatures for
the materials with 20% Al compared to those with 10%. Be-
sides, the stress exponents are equal for the materials with
the same Al content each, independent of the content of Zr,
in accordance with the deformation processes occurring in
the soft Fe-Al phase.

5. Conclusions

• Fe-Al alloys with up to 20 at.% Al and an addition of
2.5 at.% Zr, consisting of soft Fe-Al grains embedded in
a hard skeleton of a grain boundary eutectic with a Laves
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phase component, exhibit a flow stress of about 600 MPa
up to about 400◦C and may thus be suited for applications
up to this temperature.

• They show strong solution hardening during deformation
at room temperature. The decrease of the solution hard-
ening with increasing temperature is compensated by dy-
namic strain ageing due to a Cottrell effect interaction
between dislocations and the Al solutes around 450◦C.

• Long-range elastic interactions between dislocations re-
sult in an athermal component of the flow stress which
is not important up to about 600◦C. At 700◦C, it is an
essential contribution to the flow stress.

• The addition of Zr and its segregation to the grain bound-
aries leads to a smaller grain size with respect to the refer-
ence materials without Zr. This strengthens the materials
owing to a Hall–Petch component of the flow stress.

• The grain boundary eutectic deforms inside the Fe-Al
lamellae. The flow stress of this phase is mainly controlled
by a Hall–Petch component based on the width of the
lamellae. The contribution to the total flow stress of the
alloys may be estimated by a rule of mixture. The Laves
phase lamellae are brittle.

• The high-temperature decrease of the flow stress is partly
caused by recovery.
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