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Abstract

Cubic ZrO, single crystals fully stabilized with 9.4 mol% Y,O; were strained in situ in a high-temperature tensile straining stage
inside a high-voltage electron microscope. Straining was usually performed at 1150°C. One experiment started at 1150°C was
interrupted before it was continued at 870°C. For investigating the dependence of the deformation process on the activated slip
systems, specimens with (112> and (100} tensile axes were used. Specimens with a (112> tensile axis, where single slip on one
cube slip system is preferentially activated, were prepared to have {111} or {110} foil surfaces. Of the specimens with a {100
tensile axis, where slip on cube planes is suppressed, {001} foil surfaces were chosen. The observed dislocation structures and
especially the dynamic behaviour of dislocations recorded on video tape furnished information on the mode of dislocation
multiplication and on the mechanisms controlling the flow stress. The analyses of the dislocation density provided a value of the
long-range stress component. Estimating the local shear stress from the bowed-out dislocation segments yielded a semi-quantita-
tive explanation of the macroscopic flow stress for the deformation on the cube slip plane at 1150°C. In this temperature range,
the athermal dislocation motion is in accordance with the very low strain rate sensitivity measured in macroscopic tests. At 870°C,
dislocations are pinned at localized obstacles. Dislocations on non-cube systems experience a lattice friction, even at 1150°C.

© 1997 Elsevier Science S.A.
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1. Introduction

Cubic ZrO, has been intensively investigated, in par-
ticular as a model substance of the matrix of two-phase
zirconia (partially stabilized zirconia, PSZ), or zirconia-
containing ceramics, which are prospective materials
for high-temperature applications. Extensive macro-
scopic deformation tests were performed in a wide
temperature range above 1000°C [1-4]. These experi-
ments were extended to temperatures down to 400°C
without confining hydrostatic pressure, where zirconia
was considered a very brittle material [S—-7]. In spite of
these numerous investigations, the mechanisms con-
trolling the flow stress are not satisfactorily understood.
A serious problem arises from the relaxation and recov-
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ery of the dislocation structures observed after the
macroscopic tests, even if the specimens are cooled
under load. Moreover, information on the kinetics of
individual dislocations is almost not available. High-
temperature in situ straining experiments in a transmis-
sion electron microscope may avoid some of these
problems enabling a deeper insight into the micropro-
cesses of deformation [8]. At temperatures near or
somewhat above 1000°C, strain rate change and stress

relaxation tests during macroscopic deformation re-

vealed a very low strain rate sensitivity, indicating an
almost athermal deformation behaviour [5-7]. Below
1000°C, however, thermally activated processes were
observed again, which are associated with local pinning
of the dislocations [5-7,9]. Thus, in situ experiments in
a high-voltage electron microscope (HVEM) described
in the present paper were performed in a temperature
range which was experimentally feasible, i.e., between
870 and 1150°C.
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2. Experimental

ZrO, single crystals with 9.4 mol% Y,0,, prepared
by the skull melting technique, were obtained from the
Ceres Corporation, North Billerica, MA, USA. The in
situ experiments in the tensile straining stage of the
HVEM require samples of 8 mm length and about 2
mm width. The sample is fastened to the grips of the
straining stage by two 0.5 mm tungsten pins located 5
mm apart.

At first, slices about 0.3 mm thick were cut by a wire
saw from a parallelepiped with faces well oriented
corresponding to the desired straining direction and foil
surface, described below. After drilling the holes by an
ultrasonic drilling machine, the samples were ground to
a thickness of 0.1 mm on a brass plate, using a 3 pm
diamond suspension, and subsequently polished with
the same suspension on a polishing cloth. The central
region of the sample was then further thinned by a
dimple grinder, especially to obtain a cross section of
the specimen which is small enough to enable deforma-
tion at the limited force of the stage. The final thinning
down to a thickness of 0.5 um of the central region was
performed in an argon ion mill. For the in situ speci-
mens of this brittle material, it is essential to polish all
faces carefully and to avoid perforation in the central
region so as to prevent fracture.

The in situ experiments were carried out in a spe-
cially designed double-tilting straining stage at 1150 or
870°C in an HVEM (JEM 1000) at an acceleration
voltage of 1000 kV. This stage was described in detail
elsewhere [10]. In addition to micrographs of the dislo-
cation structure on photographic films, a video system

Fig. 1. Schematic drawing of the specimen and siip geometry at
deformation in [172)] direction.

could be used to record the dislocation motion. Usu-
ally, the straining was stopped before fracture and the
details of the dislocation structure formed under load
were investigated post mortem at room temperature
(RT) in a wide-angle goniometer.

3. Results
3.1. Deformation in (112> direction

The specimen geometry for straining in [T12] direc-
tion is outlined in Fig. 1. Usually a (T11) surface of the
sample was chosen, except in one case where a (110)
surface was used. In [112] deformation direction, single
slip on the [110](001) system is favoured, with the
orientation factor being 0.47. Other glide systems possi-
ble having relatively large orientation factors are
[101](11T), [0IT)(111) with 041 (Fig. 1{a)) and
[011](100), [101](010) with 0.35 (Fig. 1(b)), respectively.

3.1.1. Deformation ar 1150°C

3.1.1.1. Dislocation structure. In all deformed samples
with (111) foil surfaces, the dislocations nucleated, al-
most without exception, on the [110](001) slip system,
which in the following will be called the primary sys-
tem. Dislocations or half-loops of distinctive edge char-
acter were observed (marked by E in Fig. 2), rarely
screw dislocations (S), and particularly alpha-shaped
dislocation configurations (A). These alpha-shaped
configurations always consist of a straight screw seg-
ment and a more or less bowed edge one. Large-angle
tilt experiments and stereo pairs of micrographs (Fig. 3)
reveal that they mostly exhibit a helical structure in-
stead of a single large jog. In addition, a large number
of dislocation loops occur. The larger ones mainly
extend on the (001) slip plane. With decreasing diame-
ter, their habit planes deviate more from the slip plane
towards (111) planes parallel to the foil surface. The
larger loops, in particular, show relatively straight
{100)-oriented segments, distinctly visible in Fig. 3. In
several cases, single bands of long edge dislocations
occur (Fig. 2(a)). Like the other dislocations, these
clongated edge dislocations are arranged on (001)
planes, usually having a 1/2[110] Burgers vector. Occa-
sionally, however, inside the edge dislocation bands
there were a few dislocations with other Burgers vectors
of 1/2{110) type, which are imaged in Fig. 2(b).

The dislocation structure of the sample with (110)
foil surfaces, presented as the front faces in Fig. 1, is
quite different. In contrast to the previous case, here
the (001) slip plane is oriented edge on, and the 1/2[110]
Burgers vector is parallel to the surface. Thus, the
stralght edge dislocations appear as short projections (E
in Fig. 4(a)) and become well visible only if the sample
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Fig. 2. Dislocation structure in a sample with (111) foil surfaces during in situ straining in [112] direction (TD) imaged with different & vectors.
E, edge dislocation; S, screw dislocation; A, alpha-shaped dislocation configuration. (a) § = [202]; (b) & = [220], dislocations of the primary system

are invisible.

is tilted by a larger angle (Fig. 4(b)). Dislocation seg-
ments of the [110](001) slip system with line directions
deviating from the edge orientation were very excep-
tional. However, in addition, dislocations of a second
slip system with a 1/2[011] Burgers vector were domi-
nant. Besides relatively elongated straight segments of
this type in screw orientation, very often half-loops or
segments of helical shape appeared, which were pinned
at the primary edge dislocations (H in Fig. 4). A careful
microscopic analysis revealed that these curved seg-
ments lie on or near the (211) plane. Unfortunately, it
was not possible to bring this plane into edge-on orien-
tation at the given foil normal. However, micrographs
taken at the [223] (Fig. 5) and [223] poles demonstrate
the occurrence of this unexpected slip plane. In the inset
of Fig. 5, the projection of a circular dislocation loop
on a (211) plane is schematically drawn in comparison
to the (011) and (111) planes usually considered. Be-
sides the tilt analysis, the slip direction inferred from

the points where the gliding dislocations penetrate the
surface confirms the above result, as will be described in
the next section.

In addition to the dislocations of both the dominat-
ing slip systems mentioned above, a few dislocations
with other Burgers vectors of the type 1/2{110) were
observed, partly as reaction products.

3.1.1.2. Dislocation dynamics. In samples with (111)
surfaces, dislocations are created instantaneously in a
region larger than the area under observation of about
15 um in diameter, i.e., it was impossible to analyse
their formation. The dislocations move very jerkily at
jump distances usually larger than the viewing area.
The video recordings mostly show only the appearance
or disappearance of dislocations and dislocation loops,
with the slip of individual segments only rarely
recorded in subsequent video frames. Examples are
given in the video sequences of Figs. 6 and 7. The
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Fig. 3. Stereo pair of post mortem micrographs of the sample shown in Fig. 2.

dislocation loop L in Fig. 6(a) already had disappeared
in the subsequent video frame, i.e., within 0.04 s. For
the dislocation loop marked by the arrow, several
stages were recorded in Fig. 6(a)—(d) taken after inter-
vals of about 1 s. From (a) to (b), the loop expands,
whereas in (c) it partly escapes to the surface. The
remaining segments are anchored at a large jog, dis-

Fig. 4. Dislocation structure in a sample with (110) foil surfaces
strained in situ in [112] direction imaged at different zone axes. Post
mortem investigation. (a) [110]; {b) [100].

tinctly visible at the loop in Fig. 6(b). The jog can glide
to the surface in the direction of the Burgers vector
with the dislocation getting glissile and moving away,
from (c) to (d). A very striking example is presented in
Fig. 7, with the jump of a dislocation proceeding within
the viewing area. Dislocation D appears within 0.04 s
between Fig. 7(a) and (b), remains nearly 2 s in its
position before it jumps within 0.04 s to the next one in
Fig. 7(c). From this jump distance of about 2 pm one
can estimate a lower limit of the velocity of 50 pm s~!
during the jumps.

47
e
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Fig. 5. Dislocation structure of the sample of Fig. 4 imaged at the
[223] zone axis where the (211) plane is oriented nearly edge-on with
respect (o the foil surface. The insets represent projections of circular
dislocation loops, which are arranged on the (111) plane (white), on
the (011) plane (light grey) and on the {211) plane (black).
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Fig. 6. Time sequence of a video recording during in situ straining in [112] direction (TD) at 1150°C showing dislocation motion (marked by
arrows) on the primary slip system. The moving dislocation escaped to the surface between (c) and (d) and the loop (L) between (a) and (b). The

time interval between the micrographs was about 1 s.

Fig. 7. Time sequence of a video recording obtained under the same conditions as in Fig. 6 which shows a dislocation (D) appearing between (a)
and (b) and jumping between (b) and (c). [112] Tensile direction (TD) and (111) foil surfaces.

In addition to their different configurations, the dis-
locations in the sample with (110) surfaces also showed
quite a different dynamic behaviour. Sometimes the
dislocations move jerkily, too, but the essential glide
process observed during in situ experiments is almost
continuous. Fig. 8 reveals the expansion of dislocation
loops. The viscous glide of segments is shown in several
micrographs of Fig. 9 taken at intervals of a few
seconds. In Fig. 9(a)-(h), reproduced from a video
sequence, both the viscous motion of dislocations and
the jerky one of single segments are obvious. For

instance, loop A bows out continuously between Fig.
9(a) and (e), whereas dislocation B jumps to a new
distant position, from one frame to the next. The
motion between (¢) and (d) of segment C is particularly
marked. While most of the points where the disloca-
tions emerge on the surface move in [111] direction
(horizontal direction in the micrographs), here the di-
rection of motion is different. This also implies that
more than one glide system is activated. The [111] trace
of the points of emergence may be assigned to the (011)
slip plane. All {100} and {I11} planes are not consis-



80 D. Baither et al. / Marerials Science and Engineering A233 (1997) 75-87

Fig. 8. Motion of dislocations during in situ straining in [1T12] direction (TD) at 1150°C. (110) Foil surfaces. The micrographs are taken in time
intervals of about 10 s.

Fig. 9. Motion and interaction of dislocations in a video recording during in situ straining at 1150°C. [172] Tensile direction {TD) and (110) foil
surfaces. For explanation see text.



V

D. Baither et al. / Materials Science and Engineering A233 (1997) 75-87 81

Fig. 10. Dislocations on the primary cube slip system, generated
during straining of a specimen with (I11) foil surfaces in [112]
direction (TD) at (a) 1150°C and (b) additional straining at 870°C.

tent with this trace. However, this (011) plane does not
contain the Burgers vector of the dominating secondary
slip system. As a low-index plane only the (211) plane

Fig. 12. Dislocation structure during in situ straining in [100] direc-
tion (TD) at 1150°C. Foil surfaces (001).

remains to give rise to the observed traces, thus confir-
ming the result obtained from the tilting analysis.

Moreover, the sequence demonstrates the creation of
a new dislocation loop E at dislocation D and the
mutual annihilation of segments of dislocations F and
G.

3.1.2. Deformation at 870°C

 3.1.2.1. Dislocation structure. One in situ straining ex-

periment on a sample with (111) surfaces was started at
1150°C, then interrupted and continued at 870°C. Fig.
10(a) and (b) compare the initial dislocation structure
created at 1150°C and its change during deformation at
870°C. The structures resemble each other, but after the
temperature change the dislocation loops are much
smaller and the screw dislocations are of curly shape. A

large bending of the sample during the temperature

Fig. 11. Post mortem micrographs of the sample shown in Fig. 10. (a) Dislocations of the primary cube slip system and those of a second cube
slip system, which arose during deformation at 870°C. (b) The same specimen area taken with Z=[200] at the [011] pole showing only the
dislocations of the primary system. (c) Taken with ¢ ={111] at the [110] pole showing those of the secondary system.
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Fig. 13. Time sequence of a video recording during in situ straining in [100] direction (TD) at 1150°C showing the viscous motion of a dislocation

D marked by arrows.

decrease caused considerable contrast variations. There-
fore, the change of the shape of individual dislocations
could not be investigated.

During low-temperature straining, a stress twice as
large as that applied at 1150°C resulted in the develop-

4o

b

Fig. 14. Scheme of a single-ended source operating at a superjog.
Successive stages of the operation. (a) The initial dislocation loop is
drawn as a dotted line. Successive stages are named -3 or 1'-3,
respectively. The prime indicates a different segment at the same
stage. The anchoring point is marked by an arrow. {b) The relatively
stable alpha-shaped dislocation configuration.

ment of a second dislocation band. In Fig. 11(a) both
glide systems are imaged, whereas in Fig. 11{b) and (c)
the dislocations of always one band are invisible. Fig.
11(b) taken near the [011] pole presents the bowed out
dislocations of the primary slip system, and Fig. 11(c)
taken near the [110] pole, the dislocations of the sec-
ondary system, which are preferentially in screw orien-
tation. Extensive large-angle tilting experiments
revealed that the glide plane of the secondary system is
the (100) plane. This agrees with the macroscopic tests
which indicate that the secondary [011](100) slip system
is of the same type as the primary one.

3.1.2.2. Dislocation dynamics. The glide behaviour is
similar to that observed at 1150°C i.e., the dislocations
move jerkily, too, but their jump distances are shorter.
Therefore, measuring the jump distances between the
video frames was often successful, revealing a mean
value of 0.3 um resulting in a lower limit of the velocity
during the jumps of § pm s~

3.2. Deformation in {100) direction

For in situ straining in [100] direction samples were
chosen with (001) foil surfaces. Two experiments car-
ried out at 1150°C were successful. In [100] tensile
direction the orientation factors for all cube planes are
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Fig. 15. Forces between dislocations on parallel slip planes. (a) Coordinate system and arrangement of the dislocations used for the calculation
of the interaction force. The direction of the sessile dislocation is chosen parallel to — x; and the slip plane of the mobile dislocation is given by
X, —x; at a distance d to the sessile dislocation measured in the direction of x,. After Ref. [13]. (b) Force acting on the mobile dislocation
perpendicular to its slip plane (x,-direction) in dependence on its orientation. '

zero, so that {110>{111} and {1T0)110 slip systems are’
expected to operate with orientation factors of 0.47 and
0.5, respectively. In both experiments, dislocations
solely arose on the {101} planes inclined to the foil
surface. Fig. 12 shows an example of the typical dislo-
cation structure, which in a large area does not appear
as instantaneously as during [112] deformation.
Dislocation glide proceeds rather continuously rela-
tive to [112] deformation. In the video sequence of Fig.
13, the viscous behaviour is noticeable by the continu-
ous expansion of the dislocation segment marked D
within several seconds. Besides, at this anchored dislo-
cation there are several steps of dislocation multiplica-
tion. The long edge segment in Fig. 13(b) emerged to
the surface between Fig. 13(b) and (c), hence the screw
segment remaining on the right has left the viewing
range. Subsequently, the bowed-out segment expands

again, reaches the opposite surface in Fig. 13(e), with
both resulting segments still visible.

It should be pointed out that in the figure, the points
where the dislocations penetrate the surface move hori-
zontally, i.e., in [010] direction, confirming the glide
plane {101} determined above.

4. Discussion
4.1. Dislocation multiplication

As is known from transmission electron microscopy
(TEM) investigations of ZrO, specimens macroscopi-
cally deformed, the distance between the anchoring
points along the dislocation lines is relatively large [4,5].
Therefore, associated with in situ deformation studies,
the essential question arises as to which way dislocation
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Fig. 16. Equilibrium shape of dislocation loops under load on differ-
ent slip planes. Burgers vector 5 = 1/2{110).

multiplication proceeds. Owing to the thin foil, a com-
plex defect structure is restricted in its development and
the dislocation segments may easily escape to the
nearby surface after a short glide distance. Accordingly,
single-ended sources may play the major role [11]. For
the samples with (111) surfaces, which were deformed
in a [T12] direction, it is believed that the alpha-shaped
structures represent a specific kind of single-ended
sources. In contrast to well-known sources, where seg-
ments revolve round a superjog and emit dislocations
[12], this source additionally punches out dislocation
loops. The loops are nearly pure shear loops having
only slight prismatic components. The particular be-
haviour of these sources results as the latter themselves
arose from dislocation loops. If a dislocation loop
expands, as shown schematically in Fig. 14(a), then an
edge segment escapes to the foil surface at the given slip
geometry. Assuming that in Fig. 14(a) a glissile screw
segment is pinned to an anchoring point, i.e., a large

Fig. 17. Calculated loop on the {001} slip plane fitted to an observed
dislocation segment.

jog, marked by the arrow, it revolves from stage 1 to
stage 3, hence a screw dislocation is emitted. Up to this
stage there is no general difference with respect to any
pinned screw dislocation acting as single-ended source.
However, if during further straining the screw segments
of stages 3 or 3/, respectively, move rapidly, while the
edge segment parallel to the surface remains relatively
stable, the characteristic alpha-shaped structure devel-
ops. Here, a sufficiently large jog has to be presupposed
so that the mobile segment is able to pass the stationary
one. Specific features of the alpha-shaped structure are
the preferred screw orientation of the glissile segment
(3) and a relatively stable character of this configura-
tion due to the less mobile edge segment. The screw
character of segment (3) results from its tendency to
attain an orientation perpendicular to the foil surface.

The features mentioned above are the prerequisite
that a state can be attained where the glissile segment
{3) is in perfect screw orientation at the cross-point
between both dislocation segments. Then cross glide is
possible. The segments may interact while pinching-off
a relatively large loop, which lies almost parallel to the
cube slip plane. A condition to be met if neighbouring
segments should approach each other is that there are
attractive forces between them. Fig. 15(a) shows the
force acting on a glissile dislocation in the cross glide
plane, depending on its orientation with respect to the
stationary dislocation. The calculation was performed
in accordance with the usual convention [13], where the
X, axis is chosen parallel to the stationary dislocation
and where, in the x; — x; plane, the mobile dislocation
moves at distance 4 from the stationary one, measured
in the direction of x, (see Fig. 15(b)). The cross-point
between both dislocations is chosen as the origin, and
the force is normalized to the distance d of the disloca-
tions. It follows that the force is attractive for ¢ < 90°,
ie., the interaction is possible before the mobile seg-
ment has reached the edge segment lying parallel to the
surface.

The specific nature of the alpha-shaped structure as a
source for dislocation multiplication and its ability to
pinch-off dislocation loops were attributed to the slip
geometry with respect to the surface and the different
mobility of edge and screw dislocations. The supposi-
tion of different mobilities is supported by the occur-
rence of numerous edge segments parallel to the surface
at (111) foil surfaces and the missing of adequate screw
segments at (110) surfaces. This type of source is a
dominating structure in foils with (T11) surface, where
single slip is activated on the cube plane. Here, this
source seems to affect deformation, because the created
loop with its prismatic component may repeatedly start
the described cycle, with the remaining dislocation ex-
hibiting a large jog so that it may act as a usual
single-ended source, In addition, the mechanism de-
scribed above explains the large number of dislocation
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loops in comparison with macroscopic deformation
experiments, which are typical of these samples.

In samples strained in [100] direction, alpha-shaped
structures appear, too. Owing to the viscous dislocation
motion, even the intermediate stages of the pinch-off
process of loops were recorded. As the alpha-shaped
structures are arranged on the {101} planes inclined to
the foil surface, the condition that the mobile disloca-
tion segment exhibits preferred screw orientation is
fulfilled, too. However, there seems to be no remark-
able difference between the mobilities of edge and screw
dislocations. Therefore, these structures occur only ac-
cidentally, thus being observed only in few cases.

A (110) foil surface instead of a (T11) one changes
the generation of sources remarkably. During the ex-
pansion of loops on the primary glide system, the screw
dislocations may easily emerge from the surface. Owing
to their short glide distances the probability for cross
glide and the formation of superjogs will be small. The
remaining straight edge dislocations are not able to act
as sources. Consequently, the generation of dislocations
on the primary system is strongly restricted so that,
unlike specimens with (111) surfaces, only a few dislo-
cation loops will arise on the primary system. As a
consequence, further straining activates a secondary slip
system, which was observed during in situ deformation.
These secondary dislocations mostly wind around the
straight primary edge dislocations (H in Fig. 4). A
closer inspection reveals that they are pinned at a node.
The node is part of a dislocation junction, which results
from a reaction between the primary and the secondary
dislocations according to 1/2[171]+ 1/2[011] = 1/2[101],
and acts as the pinning agent of a source. As the
primary dislocations have screw components relative to
the glide plane of the winding secondary dislocations,
the latter one winds into a conical helix around a ‘pole’
dislocation, which here is the edge dislocation of the
primary system. Hence, the pitch of this helix equals the
component of the Burgers vector of the pinning ‘pole’
dislocation perpendicular to the secondary glide plane
[14]. It is not yet well understood why the helical-
shaped dislocations are arranged on or near a (211)
plane, although the orientation factor of 0.43 of this
slip plane is larger than those of the (111) and (011)
planes, amounting to 0.41 and 0.25, respectively.

4.2. Mechanisms controlling the flow stress

4.2.1. Back-stress of bowed-out dislocation segments

The curvature of the bowed-out dislocation segments
is a measure of the local stress. This back-stress may
considerably contribute to the flow stress. Within the
framework of the line tension approximation [15,16], a
relation between the local shear stress causing the bow-
out of the segment and the curvature is given by:

,-E@r (@E(p)/de?)

1
7 (1)
or in a parametric form:
o = Sin @E(@) + cos p(dE(¢)/de)
’ Ty ’
| _cos 9E(p) —sin p(dE(¢)/dp) P
= b @

Here, p is the local radius of curvature, E is the
dislocation line energy as a function of angle ¢ between
the line direction and the Burgers vector b, 7, is the
acting back stress or local shear stress and x, y are the
Cartesian coordinates of the position of the dislocation
line. Based on energy calculations for straight disloca-
tions in anisotropic crystals, the formulae in Eq. (2)
were used to determine the equilibrium shape for dislo-
cation loops on {100}, {110}, {111} and {211} planes.
The corresponding results are shown in Fig. 16. While
the loops on the {100} plane show nearly straight
segments preferentially in {001) orientation and on the
{110} plane in screw orientation, the loop shapes for
{111} and {211} planes very much resemble the elliptic
shape obtained for isotropic crystals [17]. The preferred
{001> orientation of loop segments on {100} planes
was experimentally observed and described in Section
3.1.1 and can now be attributed to the anisotropic
elasticity of the crystal having an anisotropy factor of
[18]:

The actual local shear stress was estimated by pro-
jecting the calculated loops onto the viewing plane and
by fitting them to the micrographs of the bowed-out
dislocation segments, as demonstrated in Fig. 17. Then,
the back stress 7, is given by

o =Ee=0
° by,

with 3, = y(¢ = 0) being the half axis of the loop at the
screw segment and considering that dE(¢ =0)/dg =0
and, therefore, x(¢ =0)=0.

The values of E(0) at 1150 and 870°C are 4.8 x 10~°
and 5.5 x 10~° N, respectively. With the mean values
of yo~0.2 and 0.09 um evaluated from the micro-

graphs, one obtains local shear stresses of 75 + 15 and
180 + 30 MPa at 1150 and 870°C, respectively [6].

(3)

4.2.2. Deformation at 1150°C

In Sections 3.1.1 and 4, the occurrence of large jogs
and their importance to dislocation multiplication were
proven. The dislocations bow out between these large
jogs. As obstacles to dislocation motion, they may be
overcome solely by athermal processes like the forma-
tion of debris, i.e., the total activation energy is much be
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supplied by the applied stress. Consequently, the back
stress or local stress 7, calculated from the curvature of
the bowing segments contributes to the athermal stress
component [7]. In addition, the long-range interactions
between parallel dislocations essentially contribute to
this athermal stress portion. The respective value result-
ing from a dislocation density of 2 x 10'*> m ~2 amounts
to about 40 MPa [7]. This value together with the local
shear stress of 75 MPa of the bowed-out segments and
an orientation factor of 0.47 may explain the macro-
scopic flow stress ¢ =250 MPa. Thus, the estimation
confirms that contributions to the flow stress resulting
from thermally activated processes are negligible in this
temperature range in agreement with the conclusion
drawn from the very small values of the strain rate
sensitivity in macroscopic stress relaxation experiments
[6,7]. The above result is also in accordance with the
dynamic behaviour of dislocations in the present in situ
experiments proving their very jerky motion on the
cube planes.

At a first glance, the present results are at variance
with the stress dependence of the dislocation velocity
measured by the stress pulse etching technique in the
same temperature range [19]. These measurements
cover a stress range between 60 and 180 MPa, ie.,
below the macroscopic flow stress. At higher stresses,
dislocation velocities could not be determined because
of rapid dislocation multiplication. Similarly, the veloc-
ities reached at these low stresses are very low so that
unreasonably high densities of mobile dislocations are
necessary to explain macroscopic deformation rates.
The stress exponent between 1 and 2 at 1150°C, which
is not compatible with athermal dislocation motion, is
much lower than that of the order of magnitude of 200
following from the very low strain rate sensitivity in
macroscopic experiments. It has to be considered, how-
ever, that the microstructure of the crystals in Ref. [19]
greatly differs from that in the present study. The
dislocation density in the macroscopic tests as well as in
the in situ experiments is two to three orders of magni-
tude higher than the grown-in dislocation density dur-
ing the velocity measurements. Therefore, long-range
stresses of other dislocations only slightly influence the
dislocation velocity measurements, whereas they are the
main obstacle to dislocation motion in macroscopic
experiments. It has to be ascertained quantitatively
whether the velocity data for the relatively high temper-
atures above 1100°C are compatible with the Peierls
mechanism certainly operating on cube planes at tem-
peratures below 500°C [7].

On non-cube slip planes, however, the more continu-
ous or viscous motion at 1150°C should be attributed
to a lattice friction mechanism, like the Peierls mecha-
nism. This result is consistent with a critical flow stress
on these planes, which is about twice as high as that on
cube planes [8].

4.2.3. Deformation at 870°C

The very curly shape of the dislocations in this
temperature range is interpreted as a strong localized
pinning, which causes a large increase of the flow stress
at low temperatures. The nature of these pinning points
has not been identified, but it is assumed that most of
them are localized obstacles, i.e., probably small precip-
itates. This assumption also follows from the increased
strain rate sensitivity measured in macroscopic defor-
mation tests, which can be explained by the thermally
activated overcoming of localized obstacles [5,14,15]. In
addition, the in situ experiment at this temperature
confirmed that the critical resolved shear stress for the
cube slip system is distinctly lower than that for {111}
planes, as a second cube system with an orientation
factor of 0.35 was activated instead of the <1T10>111
system with an orientation factor of 0.41.

5. Conclusions

The in situ straining experiments yielded selective
structural and dynamic information on the slip systems
in cubic zirconia. The activation of different slip sys-
tems at 1150°C as function of the orientation of the
tensile axis and the foil surfaces was mainly attributed
to the mode of dislocation multiplication. Dislocations
on different slip systems show a very different dynamic
behaviour. On cube planes, they move very jerkily, i.e.,
their motion is controlled by athermal long-range inter-
actions between dislocations (r,). However, the smooth
viscous motion on non-cube planes should be caused by
the action of a lattice friction mechanism. The local
shear stress 7, which was estimated from the curvature
of dislocation segments bowing out between high jogs,
corresponds to a material under load. The local shear
stress 7, together with 7, caused by the long-range
interactions may explain the flow stress measured in
macroscopic tests. Thus, a semi-quantitative under-
standing of the glide process for single slip on the
primary cube system was achieved. Contrary to this,
the dislocation structures observed after macroscopic
experiments are always relaxed, even if cooled under
load, and yield too small stress values.

At 870°C the in situ experiments confirmed the pre-
cipitation hardening model, which was derived from
macroscopic experiments and conventional transmis-
sion electron microscopy.
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