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Abstract

The room temperature brittleness of NiAl constitutes a major problem for technical applications. In order to investigate the
micromechanisms of fracture in NiAl, we have carried out in situ tensile straining experiments on stoichiometric NiAl single crystals
in a high-voltage electron microscope. According to our observations, crack propagation always involves dislocation activity
around the crack tip, even in the hard orientation at room temperature. The Burgers vectors and the typical arrangements of the

dislocations, as well as the extension of the corresponding plastic zone vary with the loading direction and the orientation of the
microcrack versus potential glide systems. We observe that local concentrations of slip leads to irregular deviation of the cleavage
plane from the {1 1 0} facets one usually observes at the macroscopic level. The results of our experiments help to understand why

the mode I fracture toughness of NiAl is signi®cantly larger for h1 0 0i loading directions than for non-h1 0 0i directions. # 1999
Elsevier Science Ltd. All rights reserved.
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1. Introduction

Stoichiometric NiAl is a promising material for
applications at intermediate temperatures, especially
owing to its good oxidation resistance [1,2]. At room
temperature (RT), however, the material has a poor
ductility. Hypotheses about the origin of the RT brit-
tleness include inadequate slip systems, low dislocation
mobility, inhomogeneous slip, and low fracture stress
[3]. In NiAl single crystals, the deformation behaviour
strongly depends on the loading direction. When load-
ing along non-h1 0 0i directions (`soft directions') NiAl
exhibits some tensile ductility, while when loading along
h1 0 0i directions the material is very brittle. At room
temperature, single crystals typically fail by cleavage on
{1 1 0} planes. However, cleavage along high-index

planes was reported, too [4]. Until now it has not been
clari®ed whether cracks propagate by atomistic cleavage
at the tip alone, or require the emission of dislocations.
The details of the plastic deformation near crack tips
are not well known [5]. In order to advance the under-
standing of the underlying processes on the microscopic
scale, we have carried out in situ fracture experiments
in a high-voltage transmission electron microscope
(HVEM). The present paper is restricted to room tem-
perature experiments. In a subsequent paper we will
report on in situ observations we have carried out at
high temperature in order to promote the understanding
of the brittle-to-ductile transition of NiAl.

2. Experimental

Nominally stoichiometric NiAl single crystals were
grown by induction melting. The in situ experiments in
the quantitative tensile double-tilting stage [6] of the
HVEM require micro-tensile samples of 8 mm in length
and about 2 mm in width. These samples were ground
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to a thickness of 0.1 mm, and subsequently thinned by a
two-step electrolytic jet-polishing procedure [7]. In the
®rst step of the latter, the sample is covered by an
aperture with a small hole (I in Fig. 1), such that a
depression forms only at the centre of the sample. Then,
an aperture with a larger hole is used (II in Fig. 1) to
thin the sample over its whole width and to reduce the
central cross-section. By balancing the relative con-
tribution of each polishing step one obtains electron-
transparent regions extending over several tenths of
millimetres. Such large electron-transparent regions
constitute a prerequisite to follow the crack propagation
during an in situ straining experiment. Moreover, the
cross section of the sample is su�ciently reduced to
enable deformation under the maximum force of about
15 N one can apply in the HVEM straining stage. We
used the above procedure to make TEM samples with
(1 1 0) and (1 0 0) surfaces. Samples with (1 1 0) foil sur-
faces were prepared for tensile directions of �1 �1 0�,
�1 �1 1�, �1 �1 4�, and [0 0 1], while samples with (1 0 0)
surfaces were prepared for tensile directions of [0 1 1],
[0 1 2], [0 1 4], and [0 0 1]. In situ experiments were car-
ried out in an HVEM (JEM 1000) at an accelerating
voltage of 1000 kV. The samples were loaded in small
increments. Crack and dislocation structures were
recorded on photographic ®lm under nearly constant
load. While increasing the load, we recorded the propa-
gation of crack tips and dislocations on video tape.
Usually, we unloaded the sample before catastrophic
fracture and subsequently investigated the details of the
crack and dislocation structure formed under loading
post mortem in a wide-angle goniometer.

3. Results

3.1. Straining in `soft' orientations

3.1.1. �1 �1 0� tensile direction, (1 1 0) foil surfaces
During tensile straining in �1 �1 0� direction, crack

propagation competes with localized plastic deforma-
tion near the crack tip. The micrographs in Fig. 2

Fig. 1. Schematic drawing of the platinum masks and NiAl samples

used in the two step electrolytic jet polishing.

Fig. 2. Crack propagation and plastic zone during in situ straining in

�1 �1 0� tensile direction (TD). (1 1 0) Foil surfaces. The micrographs are

taken in time intervals of about 5 s.
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belong to a sample with a (1 1 0) surface. They were
recorded at nearly the same position, in intervals of about
5 s. From Fig. 2(a) to (b) the density of dislocations

ahead of the crack tip strongly increases, with the crack
gradually propagating. After penetrating the plastic
zone, as apparent in Fig. 2c, the crack propagates much
faster into the less distorted region behind the plastic
zone. This cycle recurred several times as long as we
kept the external stress nearly constant. On the average,
cleavage occurred approximately parallel to the (1 0 1)
plane (inclined with respect to the surface). On the
microscopic scale, however, we observe a strong in¯u-
ence of the local plastic deformation on the direction of
the crack propagation. Fig. 3 shows di�erent stages of
crack growth. When the crack tip reaches the zone of
high plastic deformation, the crack growth slows down
and the crack opening increases (Fig. 3a). Then the
crack smoothly deviates from its former direction, and
forms a narrow cleavage (Fig. 3b). After passing the
zone of maximum dislocation density, the crack returns
to its former direction, i.e. a shift occurs from the origi-
nal (1 0 1) cleavage plane onto a parallel (1 0 1) one
(Fig. 2c).

Fig. 4 shows several very early stages of dislocation
emission at a crack tip. In this initial stage, dislocations

Fig. 4. Dislocation emission at the crack tip. �1 �1 0� tensile direction

and (1 1 0) foil surfaces.

Fig. 3. Change of the crack direction in the sample of Fig. 2. The

micrographs are taken in time intervals of about 5 s.

D. Baither et al. / Intermetallics 7 (1999) 479±489 481



with [1 0 0] and [0 1 0] Burgers vectors nucleate and glide
on the four {1 1 0} planes inclined to the surface. We
often observe cross-slip onto orthogonal {1 1 0} slip
planes. As a consequence, most of the dislocations
nucleating at the crack tip move into a fan-shaped
region, which is bounded by the h1 1 1i intersection lines
of the inclined {1 1 0} planes with the surface. At further
straining and increasing foil thickness, dislocations on
one {1 1 0} plane dominate, which is identical with the
cleavage plane. Sometimes, however, changes of the
slip system occur within the four possible ones men-
tioned above, as well as changes of the crack ¯anks or
direction.

In front of the crack tip dislocation half loops move
several ten micrometers into the crystal. The slip plane
and the characteristic shape of these dislocation half-
loops are drawn schematically in Fig. 5. Video frames

Fig. 5. Schematic drawing of the specimen, crack and slip geometry at

straining in �1 �1 0� direction.

Fig. 6. Motion of dislocations about 10 mm ahead of the crack tip in a video recording during in situ straining. �1 �1 0� tensile direction and (1 1 0)

surfaces. The inset depicts the equilibrium shape of a dislocation loop under load in the same projection as the micrographs.
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recorded at intervals of several seconds are reproduced
in Fig. 6 and clarify the actual shape. Moreover, the
frames re¯ect a viscous motion of the dislocations. The
angular shape of the dislocation half loops follows from
the anisotropy of the dislocation line tension [8]. Con-
sidering the elastic anisotropy of NiAl single crystals,
the equilibrium shape of dislocation loops was calculated,
and a drawing based on these calculations is inserted in
Fig. 6. The result ®ts the shape of experimentally
observed dislocation, including the strong bending,
which originates from instability of segments with screw
character.

During dislocation motion, dislocation loops were
often dragged by the pinning of segments. In the course
of further straining these loops act as dislocation sour-
ces. Examples are presented in the sequence of micro-
graphs in Fig. 7. On the other hand, the dislocation
loops may inhibit further dislocation motion. As obsta-
cles, they cause the dislocations to pile-up, and later on
to cross-slip onto the (1 0 0) plane in an avalanche-like
way. An indication of this process is visible in Fig. 1(a)

and (b), right below the crack tip. Other variants of
h1 0 0i{1 1 0} slip systems were often activated in such
cases, too.

3.1.2. [1 �1 1] tensile direction, (1 1 0) foil surfaces

If the straining direction is changed from �1 �1 0� to
�1 �1 1�, the crack runs irregularly, and the plastic defor-
mation extends over a much wider region than that of
the former case. Fig. 8 shows an overview of the micro-
structure. Compared to straining in �1 �1 0� direction,
additional slip systems with their [0 0 1] Burgers vectors
parallel to the surface were activated by the external
stress.

Particularly, many elongated dislocations appear on
the �1 �1 0� glide plane which is oriented edge-on with
respect to the foil surfaces. Examples of such disloca-
tions are shown in the micrographs of Fig. 9. Their
screw segments lie nearly parallel to the surface over
distances of several micrometers. All of them are heavily
jogged and can easily cross-slip, probably on the (1 1 0)

Fig. 7. Expanding dislocation loops ahead of the crack tip during in

situ straining in �1 �1 0� direction. (1 1 0) foil surfaces.
Fig. 8. Crack and dislocation structure after in situ straining in �1 �1 1�
direction. (1 1 0) foil surfaces.
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plane parallel to the surface. If a screw dislocation
escapes through the foil surface, it leaves behind much
debris ± numerous small dislocation loops with mean
diameters of about 10 nm.

The dislocations of the di�erent slip systems interact
with each other and mutually inhibit their motion.
Thus, a more complex dislocation structure develops,

which hinders further crack propagation and causes the
crack to change its direction frequently. Hence, the
crack either propagates along the {1 1 0} planes of dif-
ferent inclination with respect to the foil surface or
jumps to the (1 1 0) plane oriented edge-on.

3.2. Straining in the `hard' directions

3.2.1. [0 0 1] tensile direction, (1 0 0) foil surfaces
In the following, we mainly discuss straining along

the [0 0 1] direction for samples with (1 0 0) surfaces.

Fig. 9. Screw dislocations caused by crack growth during straining in

�1 �1 1� direction. The micrographs are taken in time intervals of about

5 s. (1 1 0) foil surfaces. The arrows mark a cross-slip event.

Fig. 10. Overview of the crack and the dislocation structure after in

situ straining in [0 0 1] direction. (1 0 0) foil surfaces.
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Fig. 12. Schematic drawing of the specimen, crack and slip geometry

at straining in [0 0 1] direction.

Fig. 11. Early stages of crack propagation and the formation of slip

bands during straining in [0 0 1] direction. (1 0 0) foil surfaces.

Fig. 13. Dislocation slip bands created at the crack tip during strain-

ing in [0 0 1] direction as shown in Fig. 10 imaged at di�erent zone

axes: (a) [1 0 0]; (b) near [1 1 0].
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Samples with (1 1 0) surfaces behave similarly if loaded
along [0 0 1]. Fig. 10 shows a typical example of crack
propagation and the defects it creates. Characteristic
features comprise an irregular path of the crack, elon-
gated dislocation bands, and particular of dislocations
in the immediate vicinity of the crack.

In contrast to straining in `soft' directions, straining
along a [0 0 1] direction causes the crack to propagate
instantaneously over longer distances. Then the crack
always stops in front of a dislocation band. The
nucleation of such slip bands has never directly been
observed; even the time resolution of 0.04 s enabled by
the video system was not su�cient. The bands appear at
the very moment the crack jumps. Unique cleavage
planes can hardly be identi®ed. In most cases, the crack
¯anks are bent or have a fractal appearance down to the
sub-micrometer range. Early stages of the crack growth
are shown in Fig. 11, however, some dislocation bands
exist already.

The dislocation bands extend in h1 0 0i directions,
usually nearly orthogonal to the crack; this means that
dislocation bands dominate which are parallel to the
tensile direction. Sometimes, however, bands occur in
the orthogonal direction, i.e. parallel to the crack,
probably related to a local change in the direction of
crack propagation. All dislocations in the bands have
Burgers vectors of the type h1 0 0i parallel to the exten-
sion of the band. As glide planes, di�erent variants were
observed with a common zone axis parallel to the
direction of the band. Examples are schematically
drawn in Fig. 12. The micrograph of Fig. 13a, recorded
near the [1 0 0] pole, shows two parallel, closely neigh-
bored bands, formed by dislocations on di�erent slip
planes. In the slip band on the right-hand side of

Fig. 13a, the dislocations are oriented nearly end-on.
After the specimen was tilted by about 45� around an
axis parallel to the dislocation slip band, the disloca-
tions were well imaged, as shown in Fig. 13b. The com-
parison of the two micrographs reveals that these
dislocations are arranged on (0 1 0) slip planes. The
extremely small width of the slip band and the nearly
equidistant arrangement of the dislocations indicate
that almost all dislocations lie on the same crystal-
lographic plane. In contrast to that, the slip band on the
left-hand side is less regular. The (1 1 0) plane dom-
inates, but many dislocation segments randomly deviate
from this plane. While in the (0 1 0) slip band only edge
dislocation segments remained in the foil and long
trailing screw segments were never observed during dis-
location motion, the other band features some segments
with mixed or screw character parallel to the surface.
Consequently, cross-slip occurs, and generates disloca-
tion loops. Di�erences between the two types of slip
bands also exist with respect to the dislocation mobility.
The edge dislocations in the (0 1 0) slip band move much
faster over very long distances. We observed corre-
sponding dislocations 100 mm away from the crack tip,
observations further away were only limited by the
increased foil thickness.

A particular dislocation arrangement arises when
orthogonal slip bands are intersecting each other. In this
case, the dislocations of both bands mutually inhibit
their motion. As a result, screw dislocations form par-
allel to the surface also in the slip bands on the (0 1 0)
plane, since these dislocations interact with the corre-
sponding dislocations from the orthogonal band and
cannot escape to the surface. A rather stable dislocation
network forms nearly parallel to the surface, as shown

Fig. 14. Dislocation networks parallel to the surface caused by interacting slip bands: [0 0 1] tensile direction and (1 0 0) foil surfaces.
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in Fig. 14. The dislocation segments are pinned at the
nodes and bow out towards the surface. In this con®g-
uration, screw dislocation segments are unable to cross-
slip such that loops are not created within this structure.

Finally, we describe the dislocations very near to the
crack faces in more detail. These dislocations were
instantaneously created while the crack jumped to the
next dislocation band, as described above. In samples with
(1 0 0) surfaces the creation and motion of dislocations

could not be observed or resolved in subsequent video
frames, respectively. Fig. 15 shows an example of such
dislocations, which were always found at the crack
faces, without any exception. An outstanding feature of
these dislocations is that most of them are ideally
straight and have a line direction of h1 1 1i. Unlike all
other dislocations mentioned above they have h1 1 1i
Burgers vectors, even though the straight segments have
pure screw character. In addition to the straight, needle-
like screw dislocations, half loops and elongated dis-
locations parallel to the crack faces are recognizable, all
of them with the same Burgers vector. The shape and
the �1 0 �1� glide plane of the dislocation half loops are
schematically drawn in Fig. 16. Besides the glide plane
indicated in Fig. 16, (1 1 0) glide planes were observed,
which are oriented nearly orthogonal to the crack front.
There is no di�erence in the shape and glide behaviour
of the dislocations, except that the non-screw segments
are able to escape to the surface. We assume that these
half loops nucleate at the crack tip and expand into the
crystal, hence the mobility of the dislocation segments
strongly depends on their crystallographic orientation.

4. Discussion

The in situ observations of the microprocesses near
the crack tip enable us to derive some conclusions
regarding the di�erent behaviour between NiAl single
crystals loaded in h1 0 0i directions and crystals loaded
in non-h1 0 0i directions. Based on the detailed knowl-
edge of the dislocation structure and the crack and dis-
location dynamics, a semi-quantitative description
should be possible in the future.

The tensile straining experiments with `soft' crystals
con®rmed that localized plastic deformation near the
crack tip plays an important role in crack propagation.
The operating Burgers vector of the corresponding dis-
locations was always of the type h1 0 0i. Shear processes
favor crack growth as suggested in Ref. [3]. A direct
correlation was observed between (i) the emission and
the viscous motion of shear loops or half loops on the
{1 1 0} cleavage planes and (ii) a smooth crack propa-
gation. These loops on {1 1 0} planes exhibit an angular
shape near the screw direction, caused by the elastic
instability of dislocation segments with screw character.
Before segments of these dislocations are able to cross-
slip, it is necessary to force them into the screw orien-
tation. This seems to be relatively easy in very thin foils
± here cross±slip is very frequent, as demonstrated in
Fig. 4. Then, the dislocations at the crack tip were
emitted almost homogeneously into a fan-shaped region
ahead of the crack tip. In thicker crystals cross-slip is
obstructed. Only when the local stress is strongly
increased, avalanche-like cross-slip processes occur.
This restriction in cross-slip diminishes the number and

Fig. 15. Dislocations at the crack face with a �1 �1 1� Burgers vector.

[0 0 1] tensile direction and (1 0 0) foil surfaces.
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especially the spreading of dislocation sources, which
are required to enable plastic deformation and to relax
local stresses.

During straining in �1 �1 0� direction the preferred
cleavage planes are the inclined {1 1 0} planes. The
(1 1 0) plane, which lies in edge-on orientation is not
activated, con®rming that dislocation glide processes on
planes parallel to the respective cleavage planes favor
crack growth. For tensile straining along �1 �1 0�, the
[0 0 1](1 1 0) slip system is not activated by macroscopic
stress. On the microscopic scale the cleavage planes
mostly deviate from the ideal {1 1 0} planes. While
penetrating the plastic zone, the crack typically exhibits
no faceting; it does not jump between di�erent {1 1 0}
planes or well-de®ned high-index planes (as e.g. in Ref.
[4]). Instead, the crack is smoothly curved. Changing the
strain rate in¯uences this process. Higher strain rates
result in coarser deviations from the {1 1 0} plane, i.e.
the crack structure becomes more faceted.

On changing the tensile direction towards �1 �1 1�,
additional slip systems are activated. Dislocation inter-
actions become more frequent, the lack of dislocation
sources is compensated for, and plastic deformation
occurs in a larger region. Thus, the propagation of the
crack is hindered, its structure is less regular; therefore
the local stress should be reduced, and the fracture
toughness increased.

Straining in the `hard' crystal orientations revealed
that on a microscopic level the crack propagation
always involves plastic deformation, too. Compared to
the `soft' orientation, however, the plastic zone remains
much smaller. Plastic deformation is restricted to a zone
at the crack tip being a few micrometer wide and to
extremely localized dislocation slip bands.

The slip system activated by the macroscopic stress is
of the type h1 1 1i{1 1 0}. Dislocation segments of edge
or mixed character are relatively mobile. Theoretical
values of the Peierls stress are in the same order of
magnitude as for dislocations on the primary
h1 0 0i{1 0 0} slip system [9]. Accordingly, such disloca-
tion segments form within a narrow slab, which is less
than 0.5 mm wide, with a high density parallel to the
crack face. If those dislocations penetrate deeper into
the crystal, starting as half loops at the crack tip, some
segments rotate into screw orientation. Their Peierls
stress is about two orders of magnitude higher than that
of the edge type segments, so that they are nearly
immobile. As a consequence, they shield the successive
dislocations and inhibit their motion. Moreover, owing
to the negligible cross-slip probability, a lack of dis-
location sources arises. Both e�ects inhibit plastic
deformation in a larger region.

Local stress concentrations and/or a rotation of the
tensile axis are responsible for the activation of the
extended slip bands at further straining. When straining
along [0 0 1], slip in h1 0 0i directions is not activated by
the macroscopic stress. Owing to the localized nature of
these slip bands mentioned above, the relaxation of the
stress is very limited at a macroscopic scale. In front of
the crack tip, the bands are relatively strong obstacles to
the propagation of the crack. Especially in samples with
(1 1 0) surfaces, a strong deviation of the crack from its
former direction is often observed at these slip bands.
On the other hand, the bands are also obstacles for dis-
location motion. Dislocations hardly propagate into the
region beyond the bands, as long as the crack stops at
this position. Thus, an extended plastic zone does not
develop.

Fig. 16. Schematic drawing of the slip geometry of dislocations shown in Fig. 15.
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5. Conclusions

On the microscopic scale, crack propagation in NiAl
always involves plastic deformation, even if strained at
room temperature in `hard' directions. For `soft' direc-
tions, dislocation emission at the crack tip and crack
growth are directly correlated. However, with increasing
dislocation density the crack gets shielded. These com-
peting processes control crack growth, often resulting in
a discontinuous propagation. During straining in a
`hard' direction, dislocations on the h1 1 1i{1 1 0} slip
system are activated near the crack tip, but their mobi-
lity is strongly restricted where they rotate into the
screw orientation. Thus, cross slip and the creation of
dislocation sources are also inhibited. Both, the immo-
bility of these dislocations and the lack of dislocation
sources are reasons for the RT brittleness.
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